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Abstract 
In the first part, some fundamental issues that have been under discussion for a long time will be revisited, namely the effect of 
the cyclic slip mode on the fatigue-induced dislocation distributions, the origin and effect of cyclic slip irreversibilities and their 
relation to fatigue life and, finally, cyclic strain localization and fatigue crack initiation in persistent slip bands. In the second 
part, some topics that have recently found increasing interest will be discussed such as the cyclic deformation and fatigue 
behaviour of ultrafine-grained and nanostructured materials and the microstructural mechanisms that govern fatigue life of 
ductile and high-strength materials in the range of ultrahigh cycle fatigue. Some general conclusions will be drawn. 
Keywords: Cyclic slip mode; cyclic slip irreversibilities; microstructural effects; ultrafine-grained metals; Ultrahigh Cycle Fatigue (UHCF); 
fatigue lives 
1. Introduction 
 Fatigue research has been one of the prime materials themes for almost 150 years. It has not lost any of its 
importance, be it in failure analysis, materials characterization and development or in engineering design. But being 
a traditional discipline, and competing with some novel and currently more fashionable fields as, for example, nano- 
or bioscience, it frequently nowadays only attracts public interest in the event of a spectacular materials failure. 
However, for those who are active in the field, fatigue research has remained as fascinating as ever, be it because of 
increasing importance of new materials which pose new problems or because, with today’s improved experimental 
facilities and computational means, long-standing issues can be dealt with in a more conclusive manner than 
hitherto. In this sense, not much has changed since the beginning of the International Fatigue Congress series almost 
30 years ago, when colleagues like the late Jim Beevers [1] to whose memory this paper is dedicated made lasting 
contributions to the advancement of the understanding of simple and complex materials fatigue phenomena.   
This paper will revisit some fundamental issues that have been under discussion for a long time and are still 
awaiting final answers, and it will also address selected other topics that have received increasing attention in recent 
years. The overall emphasis will be on microstructural effects and fatigue mechanisms. Briefly, the contents will be 
as follows:  
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x Some fundamental problems of cyclic plasticity and fatigue revisited 
x Fatigue of  ultrafine-grained  (and nanocrystalline) metals 
x Ultrahigh cycle fatigue of ductile and strong materials 
x Concluding remarks 
2. Some fundamental problems of cyclic plasticity and fatigue revisited 
2.1. Origin and significance of  wavy and planar cyclic slip modes 
Since the pioneering work of Feltner and Laird [2], it has become customary to distinguish between the cyclic 
deformation behaviour of so-called wavy and planar slip materials. In this terminology, wavy slip implies that cross 
slip can occur easily, whereas in the case of planar slip cross slip is difficult. Probably, the most important aspect of 
this distinction is that wavy slip materials have a so-called history-independent cyclic stress-strain (CSS) behaviour 
with a unique CSS curve, whereas the CSS behaviour of planar slip materials is history-dependent. Furthermore, the 
distinction between cyclically deformed wavy and planar slip materials permits to plot in a systematic manner the 
types of dislocation distributions, observed as a function of fatigue lives, in the popular maps introduced by Feltner 
and Laird [3] and modified by Lukáš and Klesnil [4]. Figure 1 shows the “dislocation distribution map” in the form 
proposed by the latter but with modified labeling of the ordinate [5]. Originally, the stacking fault energy (SFE) had 
been plotted on the ordinate, because for many years easy and difficult cross slip had been related to high and low 
SFE, respectively. This view became untenable, after unequivocal experimental evidence had shown that some 
materials with rather high SFE can exhibit planar slip. Thus, planar slip was found to occur in alloys having short 
range order and/or a high yield stress (strong solid solution hardening), as emphasized in ref. [6] and in later papers  
                  Fig. 1. Dependence of fatigue-induced dislocation patterns on cyclic slip mode and fatigue life. After [5], based on [3,4,9]. 
[7,8]. In precipitation-hardened alloys, another reason for planar slip can be the cutting of shearable coherent 
precipitates. In the case of solid solution alloys, the ease or difficulty of cross slip is still regarded as crucial. 
However, the SFE is no longer considered as the only controlling microstructural parameter. The author, acting as a 
reviewer, has repeatedly noted that, in particular, the strong overriding effect of short range order in promoting 
planar slip, almost irrespective of the SFE, has frequently been overlooked even in very recent work. For this reason, 
the topic has been taken up again. It was Nicole Clement who, more than 25 years ago, first discovered and 
advocated this effect [9] which was later reviewed and summarized by Gerold and Karnthaler [10]. In consonance 
with the above, the ordinate in Fig. 1 is now labeled simply in terms of increasing or decreasing ease of cross slip. A 
good example is recent work on fatigued high interstitial stainless steel, which exhibits short range order and has a 
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SFE | 37 mJ/m2 [11], more or less like SFE of wavy slip Cu. Nonetheless, planar slip was observed, unexpected in 
the traditional version of Fig. 1 (SFE plotted on the ordinate), but understandable in view of the short range order.   
2.2. Origin of cyclic slip irreversibilities, relation to  fatigue lives 
Since the classical work of Ewing and Humfrey [12], it is accepted that the initiation of fatigue cracks at the 
surface generally arises from the accumulation of unreversed slip steps. This is an indication that to-and-fro 
dislocation glide is not completely reversible in a microstructural sense and that fatigue damage actually results from 
the accumulation of a large number of slightly irreversible cyclic microstrains. The glide irreversibility can be 
characterized by the fraction p of the cumulative irreversible plastic strain with respect to the total cumulative plastic 
strain [13]. Qualitatively, short and long fatigue lives would be expected to relate to large and small values of the 
glide irreversibility p, respectively. The development of a quantitative relationship between p and the number of 
cycles to failure, Nf, would be an ambitious goal. In all probability, a universal relationship of this type does not 
exist. Rather, it appears probable that different specific relationships exist for different types of failure mechanisms. 
In a recent survey, the author has reviewed the different microstructural mechanisms that cause slip 
irreversibilities, namely annihilation of dislocations, loss of dislocations at the surface, cross slip and, in the case of 
bcc metals, slip plane asymmetry in tension and compression [13]. Unfortunately, only in a few special cases do 
sufficiently detailed experimental data exist that permit to deduce under certain assumptions numerical values of the 
slip irreversibility p. A few examples are listed in Table 1, based on the Table published previously [13] and 
extended so as to include also fatigue lives Nf where possible. The data are listed for different materials fatigued 
under constant stress amplitude 'V/2 or axial plastic strain amplitude 'Hpl/2. In the few cases concerning fatigued 
materials containing so-called persistent slip bands (PSBs, see Section 2.3), the data refer to the local plastic shear 
strain amplitudes in PSBs, Jpl,PSB. The different methods by which the values of p were assessed are indicated in the 
last column on the right. The numbered references are those listed in the original publication [13] to which the 
reader is referred for details. The fatigue lives Nf given in the Table are those stated in the cited publications, with 
the following exceptions. In the case of PSBs in fatigued copper and Cu-2at.%Co single crystals, no exact fatigue 
lives can be stated. For copper fatigued below the PSB threshold in the UHCF regime, the mean plastic shear strain 
amplitude Jpl is stated. In the case of D-iron, the cyclic slip irreversibilities were derived from the single  crystal 
data, as quoted. However, the fatigue lives stated were extracted from work on fatigued D-iron polycrystals [14] for 
        Table 1. List of cyclic slip irreversibilities 0 < p < 1, as determined in specific cases by different means from experimental data [12]. 
Examples, references Testing conditions Irreversibility p Evaluation via 
PSBs, copper X-tals[56.88] Jpl,PSB | 10-2, RT          | 0.3 TEM & dislocation model [25,26]
UHCF, copper [34, 35] Jpl | 1.7u10-5, RT, 
Nf  > 1010
| 0.000034 SEM & dislocation model [34,35]
D-brass X-tals [111, 112] 'V/2 =   82 MPa, RT,  
Nf = 106
'V/2 = 118 MPa, RT,
Nf = 4u104
         | 0.005 
       
         | 0.03  
TEM & computer simul. [26]
PSBs, Cu-2 at.%Co X-
tals[114,115]
Jpl,PSB | 2.3u10-2, RT          | 1 TEM & dislocation model[26]
Waspaloy [116] 'Hpl/2 =  10-3, 650 qC,
 Nf = 550 
         | 0.05 TEM: assessment of irreversible 
shear displacements[26]
D-iron single crystals [121] 'Hpl/2 = 5u10-4, RT,
 Nf = 6u105
'Hpl/2 = 1.5u10-3, RT, 
Nf =1.2u105
'Hpl/2 = 6u10-3, RT, 
Nf = 9u103
         | 0.03 
          
         | 0.06 
         | 0.2 
dislocation model of shape 
changes due to slip plane 
asymmetry [121]
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cyclic deformations at strain amplitudes comparable to those used in the work on the single crystals. From Table 1 
follows the expected qualitative conclusion that large and small slip irreversibilities relate to large and small loading 
amplitudes, viz. short and long fatigue lives, respectively. The derivation of quantitative relationships between 
fatigue life and slip irreversibility, referring to individual specific damage mechanisms, remains a task for the future.  
2.3. Persistent slip bands, extrusions (and intrusions) and fatigue damage in fatigued  fcc metals – current status 
2.3.1. Early observations and dislocation models 
Cyclic strain localization in PSBs and the initiation of fatigue cracks in fcc metals have received much attention 
since the pioneering work of Thompson et al. [15]. In passing, it is in place to admit, as noted by Lukáš and Kunz 
[16], that the significance of fatigue damage by PSBs is somewhat confined to fatigued simple ductile materials and 
is of much less relevance with respect to the fatigue resistance of structural materials of practical importance. 
Nonetheless, the work on PSBs has fascinated many researchers and has led to a general advancement of the 
understanding of dislocation behaviour in fatigued metals. Especially during  the last four decades extensive efforts 
have been made to clarify the conditions under which PSBs evolve, to determine their dislocation microstructures 
and to assess the governing dislocation mechanisms, compare [17,18,19], in particular in relation to understanding 
in detail by which dislocation mechanisms the  characteristic surface topography responsible for the initiation of 
fatigue cracks at emerging PSBs evolves. Early studies of the surface relief were mainly confined to optical and later 
to scanning electron microscopic (SEM) observations of the surface or of sections under an angle to the surface. In 
these studies, dramatic changes in the surface relief of PSBs in fatigued metals were first revealed by Forsyth on a 
fatigued age-hardened aluminium alloy [20] and also by Wood’s studies of so-called taper sections performed on 
different fatigued metals [21]. The studies by Cottrell and Hull [22], using the electron microscope replica technique 
to image the surface relief of fatigue copper mono- and polycrystals were equally important. In particular, these 
authors showed that the surface relief developed also at low temperatures (4.2 K). This was strong evidence that the 
evolution of the surface relief occurred by a purely mechanical mechanism. In these early observations, it was found 
that so-called extrusions (elevations) developed along the PSBs at the surface, and that there were also intrusions 
(depressions). Moreover, in some of the observations, the impression was gained that extrusions and intrusions 
developed side by side, i.e. in the form of extrusion-intrusion “pairs”, suggesting that intrusions and extrusions form 
simultaneously and that the intrusions formed somehow by an “inverse” mechanism of extrusion formation.  
Based solely on the early surface observations and before transmission electron microscopy (TEM) became 
available, several dislocation models were proposed most of which were devised to predict the simultaneous 
pairwise formation of extrusions and intrusions. These models, discussed in detail in subsequent reviews, e.g. [23] 
and most recently by the author [13], were based on rather specific assumptions which made it questionable whether 
the dislocation mechanisms envisaged would operate in reality. A model proposed by Mott is an exception [24]. It 
was the first model in which the cross slip of screw dislocations played an important role. Mott envisaged a screw 
dislocation which terminates at the surface and slips and cross slips in a closed path around a trapezoid, thereby 
generating an extrusion by the slip steps formed at the surface. The essential features of this hypothesis, namely that 
matter is added to the surface by a purely mechanical dislocation mechanism, while in the interior void-like cavities 
of equivalent volume are formed can still be viewed as correct today. Thus, Mott’s model predicts the formation of 
extrusions, but provides no mechanism for the formation of intrusions, in conformity with the more recent 
microstructurally based so-called EGM model [19], to be discussed next.   
2.3.2. The EGM and Polák models of extrusions (and intrusions), surface roughening and fatigue crack initiation 
Later, TEM studies permitted to characterize in detail the dislocation distributions and to assess the governing 
dislocation mechanisms of cyclic strain localization in PSBs. Based thereupon, the dislocation mechanisms which 
operate in PSBs and, at the same time, give rise to the surface reliefs observed at emerging PSBs could be identified 
and cast into models without the need to make unrealistic assumptions. The formulation of quantitative dislocation 
models is considerably facilitated by the fact that, in very good approximation, the dislocation patterns can be 
considered to correspond to a state of cyclic saturation. Hence, it follows that a dynamic equilibrium must exist 
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between defect production and annihilation. This means in particular that the increase of the dislocation density must
be balanced precisely by corresponding mutual annihilation processes of both screw and edge dislocations, as first 
recognized by Backofen [25]. In a similar fashion, deformation-induced point defects attain a steady-state 
concentration. Based on the detailed knowledge of the dislocation glide mechanisms in PSBs in cyclic saturation of 
fcc single crystals, Essmann et al. [19,26] developed a semi-quantitative model (called EGM model subsequently) of 
the evolution of the surface relief of PSBs. Modifications of the EGM model by Polák [27,28] will be discussed 
later. While the EGM and the Polák models are essentially based on detailed knowledge of the dislocation processes 
in fcc copper single crystals, the underlying assumptions are so general that the predictions, perhaps with slight 
modifications, will also apply to other materials in which PSBs do not necessarily have the ladder structure.  
In the EGM model, combinations of low-temperature dislocation glide and annihilation processes, detailed in 
[13,18,19], lead to rapid growth of so-called static extrusions of height e. The extruded volume matches precisely 
the volume of vacancy-type defects that accumulate in cyclic saturation. The local vacancy defect concentration 
sat
vC in the dislocation walls (volume fraction fw | 0.1) of the ladder structure is established as the result of a balance 
between annihilations of very close (vacancy) edge dipoles and formation of edge dipoles. satvC ist estimated as 
6u10-3. Slipping out of so-called PSB-matrix interface dislocations leads to a one-dimensional elongation of the PSB 
lamella in the direction of the Burgers vector b, creating one static extrusion of height e on each side of the crystal: 
                       e | 0.5 satvC fw | 3u10
-4 D,                                 (1) 
where D is the specimen diameter measured in the direction of the Burgers vector. Thus, it is predicted that the 
extrusion heights will be the larger, the thicker the fatigued single crystal is. In the case of a polycrystal, D would 
represent the grain size, and the predicted height of an extrusion in a surface grain would be twice as large as 
according to eq. (1), because only one extrusion would form. Nonetheless, extrusions in polycrystals should be 
much smaller than in single crystals because the grain size is generally much smaller than the specimen diameter.  
The described purely mechanical material extrusion process can operate in particular at low temperatures, as 
observed [18,22,29]. If diffusional processes can occur, a slower continuous extrusion growth is predicted to occur 
after the rather rapid growth of static extrusions, since vacancies lost to the PSB by diffusion to the matrix are 
replaced by the glide and annihilation processes described, whereby additional PSB-matrix interfacial dislocations 
form and glide out. Furthermore, continued cyclic deformation will lead to a gradual roughening of the surface of 
the extruded PSB material. According to ref. [26,30], the evolution of surface roughness in the PSB can be described 
by the mean width 
_
w , defined as the largest peak-to-valley spacing, measured parallel to the Burgers vector, as  
                                                          PSB,pl
_
bhpNw J6|                (2) 
where h denotes the thickness of the PSB studied and Jpl,PSB the local plastic shear strain amplitude of the PSB. With 
appropriate values for a PSB in copper of thickness 1 μm, this leads to  
     N.w
_
31051 u|   [μm]                            (3)
   
This surface roughening effect should be similar in polycrystals and in single crystals, whereas the extrusion heights 
e should be much smaller in polycrystals than in single crystals. In summary, the EGM model predicts the following 
sequence of events for fatigued mono- and polycrystals: 
x Rapid formation of static extrusions with heights e proportional to D, as defined above. 
x Gradual surface roughening of the extruded material, and  
x Continuous growth of extrusions at temperatures at which diffusional processes occur. 
The surface profile predicted by the EGM model at low temperatures at which continuous extrusion growth does not 
occur, is illustrated schematically in Fig. 13. It should be noted that, aside from the valleys in the surface roughness 
of older PSBs, the EGM model in its original form describes only the development of extrusions but not of 
intrusions. Polák [27,28] modified the EGM model in some respects, in particular as follows: 1) Because of the 
diffusion of vacancies from the PSB into the adjacent matrix, intrusions should form in the matrix adjacent to the 
PSB-matrix interfaces. 2) Furthermore, continuous extrusion growth was predicted to occur over the whole width of 
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Fig. 2. Schematic illustration of evolution of surface relief at emerging PSB in the absence of diffusional effects. a) Interfacial dislocation 
accumulate at PSB-matrix interfaces. b) Rapid formation of “static” extrusions by emergence of interfacial PSB-matrix dislocations. c) Gradual 
roughening of surface of extrusion by random slip in PSB. After [18]. 
the PSB, whereas in the EGM model, it was assumed that diffusional processes would be confined to narrow regions 
near the PSB-matrix interface, giving rise to ribbon-like extrusion growth at the interfaces [19]. The model of 
Brown [31] is similar in several respects to the EGM model but differs in important details, discussed in [13,18,19]. 
On the other hand, Brown analyzes the stress singularities at the PSB-matrix interface at the surface and the internal 
stresses induced by these dislocations and thus derives a crack initiation criterion. In the EGM model, stage I cracks 
are expected to initiate at the PSB-matrix interfaces. It is considered probable that these microcracks have in the past 
frequently been regarded as “intrusions”. Crack initiation in the sharp valleys of the roughness profile appears also 
possible. The EGM model also explains the initiation of intergranular cracks at surface sites at which PSBs, with 
Burgers vector directed at the grain boundaries (GBs), impinge against the latter. Such PSB-GB cracks have been 
observed frequently and are dominant at low and intermediate amplitudes [30]. 
2.3.3. Experimental observations of PSB surface profiles:  earlier studies  and recent AFM observations 
The main results of earlier work on fatigued copper single crystals by SEM surface observations [29,30] and 
studies of metallographic sections by high-resolution techniques such as the sharp corner technique [29] and 
modifications thereof [32] were as follows. In the early stages, extrusions of a bulgy form develop and grow. Only 
later, when the surface profile has become more complex, are intrusion-like deepenings observed. Extrusion-
intrusion pairs are not found in representative numbers. In fatigued polycrystals, the extrusion heights are much 
smaller, and surface roughening which is sometimes more prominent is clearly documented [30]. An unexpected 
observation is the occasional occurrence of isolated extrusions [29,30,32,33]. Aside from the latter which is not 
understood, these earlier findings are broadly and semi-quantitatively in agreement with the EGM model. The main 
disagreement with the work of Polák and co-workers [27,28,33,34], see also their recent review article [35], 
concerns the frequency of occurrence of intrusions and their shape. In this respect, the quite recent high resolution 
observations of these authors with atomic force microscopy (AFM) are of particular interest [33,34]. A disadvantage 
is that this work was performed on polycrystalline material (stainless steel) with correspondingly smaller effects 
than would have been the case, had the work been done on single crystals or material with larger grain size. Figure 3 
shows an example [33]. When the surface profile of extrusions/intrusions is probed, only the contours of the 
extrusions on the sides that make an obtuse angle with the surface are accessible to AFM (Fig. 4a), and narrow 
intrusions/cracks cannot be studied, because the AFM tip cannot enter into narrow valleys. Polák et al. [34] 
overcame these difficulties by studying replicas of the surface by AFM, as illustrated in Fig. 4b. Using this 
technique, they found surface profiles of the type indicated schematically in the figure, namely bulgy extrusions 
with an “intrusion” adjacent to it. However, these “intrusions” were much narrower than the extrusions, compare 
Fig. 4. Hence, it seems inappropriate to speak of extrusion-intrusion pairs. Rather, in the eyes of the author, these 
“intrusions” are more probably stage I shear cracks, formed in response to the formation of the extrusions, as 
proposed earlier [18,19].  
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Fig. 3. AFM images of surface relief of fatigued austenitic stainless steel 316 L. a) Survey of different grains. b) Enlarged view of encircled area 
with extrusions in grain 21.  From  Man et al. [33]. Courtesy of the authors.  
Fig. 4. Assessment of surface relief of fatigued metals by AFM. a) AFM of surface of fatigued specimen, detection of extrusions. b) AFM of 
surface replica of fatigued specimen, detection of “intrusions”. After Polák et al. [34].  Courtesy of the authors.  
3. Fatigue of ultrafine-grained (and nanocrystalline) metals 
With the development of a number of so-called Severe Plastic Deformation (SPD) techniques, most notably 
Equal Channel Angular Pressing (ECAP), it has become possible to produce bulk materials with submicron grain 
sizes and with dimensions of some cm [36]. These materials are referred to as UltraFine-Grained (UFG) materials, 
as opposed to truly NanoCrystalline (NC) materials with grain sizes D < 100 nm which are produced by other 
means. The monotonic strength enhancement achieved by grain refinement follows from the well-known Hall-Petch 
relationship:  
    ,Dk /y
21
0
 VV                (4) 
where Vy is the yield stress, Vo the friction stress, k a constant and D the grain size. The UFG microstructure after 
ECAP depends characteristically on the routes of ECAP  processing (which specify how the billet is re-inserted into 
the ECAP die after each pass) [36,37]. Since NC materials are not available as readily in bulk form suitable for 
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standard mechanical testing as the UFG materials, most of the studies performed to date have been made on UFG 
materials prepared by ECAP processing. Still, some of the results obtained so far apply also to NC materials. 
The considerable strength enhancement by a factor of up to about 4 that is achieved in UFG (and NC) materials 
as compared to materials of conventional grain (CG) size (D | 10 μm or larger) has provided a strong incentive to 
develop UFG materials further for real engineering applications. Hence, the materials envisaged must have superior 
all-round mechanical properties, including in particular a very good fatigue resistance. It is gratifying to see that, in 
contrast to the focus of earlier work, there have been increasing studies of the fatigue properties in recent times, 
compare the reviews [38,39,40,41,42,43].  In the following, some of the main results achieved will be reviewed.  
3.1. Grain-size dependence of cyclic deformation and fatigue behaviour - some basic considerations 
The cyclic stress-strain behaviour of fcc and bcc metals of conventional grain size does not exhibit a marked 
grain-size dependence [44], aside from effects due, for example, to textures. In particular, the cyclic stress level of 
CG materials does not exhibit a Hall-Petch behaviour for different grain sizes as in the case of monotonic 
deformation. Nonetheless, the fatigue lives do vary more or less strongly with grain size, as documented, for 
example, for fcc metals like copper, aluminium and D-brass [45]. In CG materials, cyclic hardening and softening 
result from the accumulation and annihilation of dislocations, respectively, and characteristic dislocation bundles, 
tangles, cell walls, etc. form within the grains. As a consequence, the dislocations glide paths L are significantly 
smaller than the grain size (L << D) The characteristic microstructural spacings, e.g. the distances or cell sizes d
from wall to wall, vary inversely with the stress level V and follow a simple relationship of the form [46,47]  
                          
V
KGbd  ,                                                           (5)
where G is the shear modulus and b the modulus of the Burgers vector. The constant K has a typical value of 10. If 
one now considers how small d can become for the highest possible stresses achieved in monotonic loading, one 
finds, for example, in the case of copper, that d | 400 nm represents a crude lower limit to the magnitude of the cell 
size [47]. Comparing this with the typical grain size of UFG copper of about 300 nm, it becomes evident that in 
UFG materials, and more so in true NC materials, the grain size is too small to allow the building-up of cell 
structures within the grains. Hence, cyclic hardening/softening as a consequence of the formation or rearrangement 
of a dislocation substructure within the grains can be excluded as a dominant mechanism [48,49], as illustrated in 
Fig. 5. In this grain-size range, the grain boundaries are the main obstacles to dislocation glide, and the glide paths 
now are of the order of the grain size (L  D!!). As a consequence, it is found that the grain boundary components of 
the cyclic stresses of UFG and C materials exhibit a grain-size dependence of a similar form as the Hall-Petch 
relationship, as shown for nickel in Fig. 6, see [48,49] for details.  
Fig. 5. TEM micrographs of dislocation microstructure in fatigued nickel specimens of different grain sizes. a) Fatigue-induced dislocation 
substructure inside the grains of specimen with larger grain size. b) Absence of fatigue-induced dislocation substructure inside the grains in 
specimen with very small grains. From [49]. Courtesy of the author. 
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Fig. 6. Hall-Petch plot of grain boundary contribution ıs,GB to cyclic saturation stresses ıs of nickel of different grain sizes D (FG: fine-grained, 
MC: microcrystalline, RT-ECAP and ET-ECAP refer to ECAP at room and at elevated temperature, respectively). The grain sizes are indicated 
in the figure. Adapted from Klemm [49]. With permission of the author. 
3.2. Fatigue lives: comparison between UFG and CG materials 
According to Morrow [50] and Landgraf [51], the Low Cycle Fatigue (LCF) life is controlled by fatigue ductility, 
whereas the High Cycle Fatigue (HCF) life is governed by the fatigue strength. This is expressed best in the total 
strain fatigue life diagram according to the relationships  
                         
                                                       
222
plelt
H'H'H'
                                                                                                      (6)
   c'b
'
NN
E fff
t 22
2
H
VH'
 f                                                                                              (7)
Here 'Ht, 'Hel and 'Hpl are  the total, the elastic and the plastic strain ranges (twice the amplitudes), respectively, Nf
is the number of cycles to failure (2 Nf is number of load reversals to failure), E is Young’s modulus, Vf’’ is the 
fatigue strength coefficient, Hf’ the fatigue ductility coefficient, and b and c are the exponents of fatigue strength and  
            Fig. 7. Illustration of fatigue lives of strong UFG and more ductile CG materials in a total strain fatigue life diagram. After [38].  
b
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 Fig. 8. Total strain fatigue life diagram showing the crossing of the fatigue life curves of UFG and CG aluminium. From [52,53].
ductility, respectively [50,51]. Equating the first terms of both equations, the well-known Basquin fatigue life law 
for the HCF regime is obtained, whereas equating the second terms of both equations leads to the equally well-
known Coffin-Manson relationship for the LCF range. In the asymptotic limits of LCF ('Hel << 'Hpl) and HCF ('Hel
>> 'Hpl), Eq. (7) reduces to the Coffin-Manson and the Basquin relationships, respectively. Since the UFG material 
exhibits the higher strength, compared to the CG material, whereas the latter has the larger ductility, the total strain 
fatigue life diagrams of UFG and CG materials can be constructed schematically, as proposed earlier [38] and as 
shown in Fig. 7. For 2Nf = 1, the asymptotic Coffin-Manson and Basquin representations intercept the ordinate at Hf’
and Vf’/E, respectively. Since Hf’ is larger for the CG than for the UFG material, whereas Vf’/E is larger for the UFG 
than for the CG material, the two plots are expected to intersect. This has been found to be the case for copper, D-
brass and aluminium [52,53]. As an example, the total strain fatigue life diagrams of UFG and CG aluminium of 
commercial purity are shown in Fig. 8.  Some exceptions to this behaviour will be discussed later.  
3.3. Summary of cyclic deformation behaviour and fatigue-induced microstructural changes and damage 
The main results of the early observations which were made mainly on cyclically deformed UFG copper 
[38,48,54-59] and partly also on UFG nickel [58,59] can be summarized as follows:  
x The cyclic stresses in strain-controlled tests were about 2 to 4 times larger than in similar tests on CG material. 
x More or less severe cyclic softening was observed in strain-controlled tests [38,48,54-59], whereas there was 
almost no cyclic softening in stress-controlled tests [38,54,59]. 
x On the surface, cyclic strain localization in macroscopic shear bands (Figs. 9 a and 9b), extending over much 
larger distances than the UFG grain size, was observed. Fatigue cracks initiated in these shear bands [38,54-58].  
x Inside the fatigued specimens, with a few exceptions, it was difficult to see marked changes of the microstructure 
related to the shear bands. However, there were patches of severely coarsened grains next to regions with the 
original UFG microstructure, i.e a bimodal grain size distribution had evolved, in particular during strain-
controlled fatigue [48,49,54,58,59], as shown in (Fig. 9c), and less so in stress-controlled fatigue [38,58,59]. 
x As detailed elsewhere [42], both the grain coarsening and the shear banding observed are seen as the 
microstructural reasons for the cyclic softening.   
x The fatigue lives of the UFG specimens were generally found to be larger than those of CG specimens in all 
Wöhler/S-N plots, but smaller, when the data were plotted in a Coffin-Manson diagram [38,54,57,58]. This 
finding agrees very nicely with the expectations according to the total strain fatigue life diagram shown in Fig. 7, 
UFG material showing larger lives than CG material in the HCF and shorter lives in the LCF range [38].  
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Fig. 9. Shear banding in UFG copper after strain-controlled fatigue at RT. Stress axis horizontal. Surface observations. a) Shear bands in 
“patches”. b) Extended shear bands. c) TEM observation of locally coarsened grain/subgrain microstructure. After [38,58]. 
Since UFG materials produced by ECAP are heavily predeformed, the occurrence of microstructural instabilities 
which lead to grain coarsening and shear banding is not so surprising. In the case of UFG copper, it should be noted 
that grain coarsening was observed even at room temperature (RT), i.e. at a homologous temperature as low as 0.2 
Tm (Tm: melting temperature), after mild cyclic strain-controlled deformation and was attributed to dynamic 
recrystallization [59]. Interestingly enough and not entirely understood, this type of fatigue-induced coarsening was 
almost absent in stress-controlled fatigue [38,59]. Furthermore, attention is drawn to the fact that dislocation patterns 
typical of fatigued CG materials developed in the coarser grains of the bimodal grain structure, as shown in Fig. 9c. 
In passing, it is noted that Witney et al. [60] were probably the first to observe cyclic strain localization in shear 
bands along the plane of maximum shear stress, accompanied by a modest increase of grain size, in some 
preliminary fatigue tests on nanocrystalline copper prepared by inert gas condensation (D | 20 nm). Both the 
bimodally coarsened grain structure and the shear bands result from fatigue-induced microstructural instabilities and 
are forms of fatigue damage. Hence, it is important to discuss in a little more detail their formation and properties.  
For a more through discussion, the reader is referred to a very recent review article [42]. 
The shear bands which represent sites of severe cyclic strain localization in which fatigue cracks initiate were 
originally observed to lie under an angle of approximately 45° to the stress axis, i.e. on the plane of maximum 
resolved shear stress [38,54,55,56,57,58]. The author had proposed two possible mechanisms of their formation, 
namely a) spreading of small regions of coarsened grain size into shear lamellae and/or b) the spreading of a 
microstructural instability caused by the change of strain path, when an ECAP-processed (sheared) material is 
subjected to a monotonic deformation [38]. So far, unequivocal evidence for either mechanism a) or b) is lacking. 
The observation of Wang et al. [61] that local recrystallization occurred first and in fact then lead to cyclic strain 
localization would favour mechanism a). Other authors have provided experimental evidence that sometimes the 
shear bands develop inside “precursor” shear bands that were formed along the shearing plane of the last ECAP pass 
[62-66]. This view seems to be justified in those cases in which the shear bands are inclined under an angle of 
approximately 26° to the stress axis, i.e. under the same angle under which shearing during ECAP occurs [66]. With 
a few exceptions, it has generally been found difficult to find by TEM (or SEM) marked microstructural evidence of 
the shear bands in the bulk. Thus, the Brno group [63,64,67] proposed that the shear bands are confined to the near-
surface regions and that localized shear within the bands occurs by cooperative grain boundary sliding. However, 
some other studies on fatigued high-purity UFG copper with a grain size D | 300 nm [68], commercial purity UFG 
aluminium with grain size D | 800 nm [69] and more recently on commercial purity UFG aluminium with a grain 
size of D | 590 nm [70] have provided microstructural evidence that the shear bands are a bulk phenomenon. In 
more recent work on fatigued commercial-purity aluminium, clear TEM evidence of shear bands that could be 
clearly distinguished from the surrounding material and that contained a high density of dislocations was obtained. 
In spite of the not so different grain microstructure inside the shear bands, it could be shown that there was a loss of 
microhardness of about 20%, as compared to the adjacent material [70]. In UFG copper fatigued at  -50°C, cyclic 
softening and grain coarsening were largely suppressed [38,58], indicating that cyclic softening is at least partly a 
thermally activated process.  In summary, the bulk of the evidence suggests that both grain coarsening by dynamic 
recrystallization and macroscopic shear banding are responsible for cyclic softening.
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Dynamic recrystallization requires easy grain boundary motion. Hence, less pure UFG materials with reduced 
grain boundary mobility are expected to exhibit better microstructural stability. Thus, the finding by the Brno group 
that grain coarsening was not observed in fatigued commercial-purity copper seemed to be in line with this 
expectation [63,64]. However, since all the fatigue tests by the Brno group had been performed in stress and not in 
strain control, an uncertainty remained, which was only resolved in very recent work of the Brno group. In these 
studies, strain-controlled tests were conducted on commercial purity copper at RT, and similar cyclic softening and 
bimodal grain coarsening, as observed earlier on pure UFG copper [71], were found, indicating that, at least at RT, 
UFG copper does not exhibit a marked impurity effect. In this context, results obtained on cyclically deformed UFG 
copper produced by a non-standard ECAP route (16E) are of interest [72]. The UFG copper, although of high purity, 
was found to be cyclically stable at RT in strain-controlled fatigue. The additional observation that the hysteresis 
loops displayed nearly perfect Masing behaviour also indicated good cyclic stability of the microstructure. This 
discussion illustrates that several factors must be considered when discussing the microstructural stability of UFG 
copper and other pure materials. It is of interest that, in the case of (commercial purity) structural UFG materials, 
rather good microstructural stability has generally been found [39,41,42].   
Some instructive fatigue life data of UFG copper from the work of the Brno group [67,73] are shown in Figs. 10a 
and 10b. It should be noted that the fatigue life data shown in Fig. 10 extend into the regime of so-called Ultrahigh 
or Very High Cycle Fatigue (UHCF, VHCF) with numbers of cycles to failure Nf in excess of 109. In this extensive 
study, the influence of purity and ECAP routes (Bc and C) on the stress-controlled fatigue behaviour were studied 
for three purity grades: 99.5%, 99.8% and 99.998%. In the Wöhler (S-N) plot, Fig. 10a, a strong effect of purity, 
showing that the fatigue strength of high-purity copper is inferior to that of less pure copper, is found and also a 
strong effect of the ECAP route: specimens 99998/Bc/6 exhibit shorter fatigue lives than specimens 99.998/C/6. 
When the fatigue life behaviour is plotted in a Coffin-Manson plot (Fig. 11b), it is interesting to note that all data, 
irrespective of purity and ECAP route fall into a narrow band. This led the authors to conclude that the plastic strain 
amplitude is a “unifying parameter” with respect to life-time prediction. The same authors also performed a 
thorough study of the effects of temperature on fatigue life and on the CSS behaviour of UFG copper in the range 
between 103 K and room temperature [67,73]. One very interesting result was that the CSS curve of UFG copper 
shows only a rather small dependence on temperature, in strong contrast to the CSS curve of CG copper. This 
finding is an indication that the strength of UFG materials is governed much more by the grain boundaries than by 
dislocation distributions inside the grains. 
Fig. 10. Fatigue life curves of UFG copper of different purities and of CG copper. a) Wöhler (S-N) representation, showing the strong 
dependence of the fatigue lives of UFG copper on purity, in particular in the HCF and UHCF ranges. b) Coffin-Manson representation, almost 
collapse of data of UFG copper of different purities. Specimen designations refer to purity/ECAP route/number of ECAP passes. From [67,73]. 
Courtesy of the authors. With permission. 
a) b)
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3.4. Enhanced  fatigue resistance of  annealed  bimodally grain coarsened UFG materials   
In early work on UFG copper fatigued in strain control, it had been noted that, in a Coffin-Manson plot, the LCF 
fatigue lives of UFG material were shorter than those of CG material [38,54,57,58], in conformity with Fig. 7. In 
order to improve the LCF fatigue behaviour, the UFG material was annealed mildly with the aim to enhance the 
ductility at the expense of a moderate loss of strength [38,58,74]. Thereupon, a bimodally coarsened grain structure 
was formed which looked similar to that observed after strain-controlled fatigue. The fatigue lives of UFG 
specimens containing this bimodal grain structure were significantly larger (by a factor of 7) than those of 
unannealed UFG material.  This suggested that the introduction of a bimodal grain structure could be a general 
measure to markedly improve the overall mechanical properties of UFG materials, as had also been advocated 
subsequently in the case of monotonic deformation [75]. However, so far, it has not been possible to achieve 
similarly large enhancements of fatigue performance in UFG materials other than UFG copper [40,41,42].   
In the case of ECAP-processed UFG copper, a detailed assessment of the evolution and effects of bimodally 
coarsened UFG grain structure has been made [76], and some new fatigue life data of UFG copper produced by 
ECAP without and with back pressure (BP) was presented and compared with the fatigue lives of CG copper. Very 
surprisingly, the microstructures of both batches of ECAP-processed copper were found to be bimodally coarsened 
shortly after ECAP. The reasons are still not quite clear. The fatigue life data of the ECAP-processed copper data 
and of the CG counterparts, supplemented with CG data from an earlier study [44], are shown in a total strain 
fatigue life plot in Fig. 11. Within the scatter, the fatigue lives of the copper specimens that had been ECAP-
processed with or without back pressure were similar. The same was true for the two sets of CG data. Hence, all 
ECAP/bimodal and all CG data were lumped together. By fitting the two sets of data to the total strain fatigue life 
relationship according to Eq. (7), the relevant constants Vf’’, Hf’, b and c were obtained for both sets of data. Using 
these values, the total strain fatigue life curves were computed according to Eq. (7) and plotted in the figure. The 
interesting result is that, over the whole life range investigated, the bimodally coarsened UFG copper exhibited 
markedly longer fatigue lives than the CG copper. This result confirms the beneficial effect of bimodal grain 
coarsening in the case of copper. Beyond that, the result is reminiscent, with respect to fatigue, of what Valiev 
referred to as the “Paradox of strength and ductility in metals processed by severe plastic deformation” [77], 
implying that, in severely plastically deformed metals, both the strength and the ductility can be enhanced. The 
impressive results shown here for fatigued ECAP-processed copper, with superior fatigue resistance in LCF and 
HCF, come close to the case of Valiev’s paradoxon.   
Fig. 11. Total strain fatigue life data of bimodally coarsened ECAP-processed copper (with and without BP), comparison with data of CG copper. 
Based on fatigue life data of [76]. See text for details. 
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3.5. Enhanced fatigue crack growth in UFG and NC materials 
Frequently, fatigue cracks in UFG materials initiate in the fatigue-induced shear bands. In stress-controlled HCF 
tests, very fine-grained materials (UFG and NC) always exhibit larger fatigue lives and a higher endurance limit 
than CG materials, indicating that grain refinement enhances the resistance against crack initiation. With regard to 
crack initiation, it is noteworthy that UFG copper has been shown to be more notch-sensitive than CG copper [78]. 
In the same study, it was found that, within the plastic zone, the grain structure differed from that of neighbouring 
regions, the grains being more elongated. Since the total fatigue life is made up of the cycles spent during crack 
initiation and during crack propagation, the problem of fatigue crack growth has been addressed in several fracture 
mechanics studies on different UFG (and NC) materials and their CG counterparts [39,79,80,81]. As summarized in 
[42], broadly similar results were obtained by different authors, for example, on different very fine-grained (NC or 
UFG) metals and alloys and their CG counterparts, namely on nickel, titanium, aluminium alloys, aluminium, 
copper and titanium and a low carbon steel. The main result was that, with increasing grain refinement, the fatigue 
crack thresholds were lowered and the fatigue crack growth rates were enhanced. These findings were attributed to 
the smoother fracture paths and reduced crack closure for the smaller grain sizes. Furthermore, a Hall-Petch 
dependence on grain size was noted for both the fatigue endurance limit and the threshold stress intensity range [39]. 
3.6. Fatigue lives of some UFG structural materials,  
The work discussed in the preceding sections related mainly to basic studies on simple materials that permitted to 
obtain some insight into the basic mechanisms of cyclic deformation and fatigue of very fine-grained materials. 
More recently, attention has been focused also on structural materials which could potentially be used in practical 
applications. Most of the work was done on light metal UFG aluminium, titanium and magnesium alloys, compare 
the reviews [39,40,41,42,82]. In addition, a limited amount of work has been performed on UFG steels, see for 
example [42,83,84]. Here, we address only a few special cases. Recent studies of the fatigue behaviour of Al-Mg by 
May yielded interesting results on the effects of Mg content, ECAP route and number of ECAP passes [85]. In 
particular, the microstructural stability was enhanced by the Mg content and the number of ECAP passes. Also, in 
all cases, the total strain fatigue life curves of UFG and CG material intersected, as expected on the basis of Fig. 7.  
In earlier work, the fatigue of UFG titanium [39,86] was studied. More recent work [87] dealt with the fatigue 
properties of the important titanium alloy Ti-6Al-4V ELI (extra low interstitial). Fatigue life data of UFG and CG 
material of this alloy are shown in Figs. 12a and 12b. The Wöhler (S-N) plots (Fig. 12a) show a very strong 
improvement of the fatigue properties by grain refinement for the two UFG conditions investigated (UFG1: 2 ECAP 
passes, Bc; UFG2: 4 ECAP passes, Bc). (The additional CG data shown for comparison are from other work using 
rotating-bending tests with R ratio zero, see [87].) In Fig. 12b, the total strain fatigue life data, resolved into the 
Coffin-Manson ('Hpl/2 vs. Nf) and Basquin ('Hel/2 vs. Nf) parts, are shown. As expected, the Coffin-Manson plot of 
the CG material (with a change of slope which is typical of the material [87])  shows longer fatigue lives than that of 
the UFG material, and the Basquin data show an improvement of the UFG material compared to the CG material. 
Nevertheless, it should be noted that, in contrast to the cases discussed earlier, the fatigue life curves of UFG and 
CG material do not cross.  
Turning to UFG steels, Fig. 13 from the work of Furuya et al. [88] compares in a plot of the fatigue limits against 
the tensile strengths the behaviour of UFG ferrite-cementite steels and conventional tempered martensite and ferrite-
pearlite steels. In this case, the UFG material had not been produced by ECAP but by “multipass warm caliber 
rolling”. The fatigue tests were performed at RT in rotating bending [88]. The authors concluded that “the fatigue 
strength of the UFG ferrite-cementite steel matched that of the tempered martensite steel”. This result is in line with 
the findings discussed above for other materials, namely that the HCF fatigue strength of UFG materials is in 
general superior to that of the CG material counterparts. Quite different very elaborate studies were conducted by 
the group of Maier which studied in particular the RT LCF behaviour of UFG interstitial-free (IF) steels that had 
been produced by different numbers of ECAP passes, using a variety of ECAP routes. As for UFG copper, 
aluminium and D-brass, it was found that, in a Coffin-Manson plot, the UFG IF steels investigated showed a shorter 
fatígue life than the CG IF steel [89]. While these results are in line with the concepts on which Fig. 7 is based, it is 
noted that so far there exist no data on the fatigue lives over a large range from LCF to HCF of UFG and CG 
specimens of one and the same UFG steel. 
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Fig. 12. Fatigue lives of two UFG variants of alloy Ti-6Al-4V ELI, comparison with CG alloy. a) Wöhler (S-N) plots, UFG alloys show
enhanced fatigue strength. b) Total strain fatigue life plots, UFG materials, especially UFG 1, show improved fatigue performance over the whole 
range. From [87]. With permission.  
                             
   Fig. 13. Comparison of fatigue limits of UFG and some CG steels as a function of tensile strength. After [88]. With permission.  
4. Ultrahigh cycle fatigue (UHCF) 
4.1. Background of the Gigacycle or UHCF problem 
In standard laboratory fatigue tests, the number of cycles is usually limited to about 107. On the other hand, there 
are many examples of failures in practice. after much larger numbers of cycles, with Nf in the range of 109 or higher. 
Such failures occur commonly in vibrating or rotating machine components, e.g. in pumps, combustion engine 
cylinders or also in roller bearings and axles of high-speed trains.  Only after Claude Bathias and Stefanie Stanzl-
Tschegg had organized the International Conference “Fatigue Life in Gigacycle Regime“ (later called VHCF-1) in 
the year 1998 [90], has this field become an important part of basic fatigue research. Nowadays, this topic is named 
Ultra  High Cycle Fatigue (UHCF) or Very High Cycle Fatigue (VHCF). Here, as in earlier publications  [91,92,93],  
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Fig. 14. Schematic Wöhler diagram, emblem of the conference “Fatigue Life in Gigacycle Regime“ (VHCF-1), with indication of uncertainty
regarding the existence of a fatigue limit in the UHCF regime. Courtesy of C. Bathias. 
the author will use the term UHCF. Fig. 14 shows the emblem selected by Claude Bathias for the announcement of 
the conference VHCF-1. It illustrates an example of a Wöhler/S-N diagram which is considered suitable to 
characterize the key problem of this topic. In Fig. 14, the stress amplitude S is plotted on the ordinate and the 
number of cycles Nr to failure (r: rompu. French for ruptured) on the abscissa. As expected intuitively, the fatigue 
lives are the larger, the lower the stress amplitude is. Above 106 cycles, two possible courses of the Wöhler plot are 
indicated and marked with a big question mark. The horizontal course would imply that a fatigue limit exists, 
whereas in the case of the continuously slanting course, fatigue failures would occur also at increasingly lower stress 
amplitudes, though of course after longer fatigue lives. This is the problem at the heart of UHCF. Based on general 
experience, the author has always emphasized that, at very long fatigue lives, typical of very low loading amplitudes 
at which only very few grains deform plastically, crack initiation rather than propagation will be life-governing, 
unless crack propagation occurs early at pre-existing sites of damage [91,92,93].   
In view of the large numbers of cycles, UHCF studies are frequently conducted with ultrasonic testing techniques 
at frequencies of about 20 kHz, compare [94]. Early UHCF research focused primarily on high-strength steels which 
frequently exhibit subsurface so-called fish-eye failure at heterogeneities such as, in particular, non-metallic 
inclusions of ca. 10 μm diameter [95,96,97,98]. In the following, the current knowledge on UHCF behaviour will be 
summarized with reference to simple ductile fcc metals like copper or nickel, on the one hand, and high-strength 
steels, on the other hand. In order to distinguish these very different materials, the author has called the former Type 
I materials and the latter Type II materials [92,93]. Here, the following aspects will be presented and discussed, first 
for Type II, then for Type I materials: 
x Fatigue life diagrams extending into the UHCF regime 
x Microstructural failure mechanisms and life-governing factors 
4.2. Type II materials: Fatigue life plots, surface and subsurface failures.  
The main results of the work of the research groups of Murakami [95], Bathias [96], Sakai [97] and Nishijima 
and Kanazawa [98] on UHCF of high-strength steels (as typical Type II materials) are as follows. A fatigue limit is 
found above about 104 cycles. However, this fatigue limit extends only up to less than 107 cycles, and at higher 
numbers of cycles, fatigue failures are observed to occur at stress levels below this fatigue limit! Furthermore, 
within statistical scatter, it is found that at stress levels above the fatigue limit, surface failures are dominant, 
whereas at lower stress levels, subsurface internal failures in the form of so-called “fish-eye fractures”, originating 
from subsurface inclusions, occur predominantly. In summary, the fatigue lives of high-strength steels as typical 
Type II materials can be represented schematically over the whole range, from LCF to UHCF, as shown in Fig. 15. 
Since the plastic strain amplitude  'Hpl/2 or the stress amplitude 'V/2 are mutually convertible via the CSS curve 
[99], this schematic fatigue life diagram can be viewed as a Wöhler/S-N or a Coffin-Manson plot, depending on 
whether 'Hpl/2 or 'V/2 are plotted on the ordinate. Approximate boundaries are indicated which separate the ranges 
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Fig. 15. Schematic multistage fatigue life diagram of Type II materials, with the ranges I, II, III and IV, corresponding to the LCF, HCF, HCF-
UHCF transition and UHCF ranges, respectively. After [93]. 
of HCF and UHCF, on the one hand, and surface and subsurface internal failures on the other hand. Bathias [100] 
has explained schematically how the crack initiation frequency and sites vary, as one goes from LCF to HCF and 
then to UHCF: 
x  In the LCF range, at fairly large stress amplitudes, many crack initiation sites develop at the surface for different 
reasons (surface roughening, grain shape changes, slip bands, etc.).  
x In the HCF regime, at somewhat lower stress levels, surface damage still occurs but in a less severe manner. Thus 
the crack initiation sites are of similar type but less severe, and they occur in smaller numbers. 
x Finally, in the UHCF range, at even smaller stress amplitudes, surface damage becomes more or less negligibly 
small. However, in high-strength steels containing internal heterogeneities such as in particular inclusions, 
internal cracks can initiate at these inclusions. This probably occurs also in LCF and HCF but remains 
“unnoticed”, because of early surface failure. In UHCF, however, these cracks can propagate very slowly in 
vacuum!) from the interior to the surface and, in the end, cause internal failure. 
Such dual-slope fatigue or multistage fatigue life behaviour has been found in particular for rotating bending fatigue 
[97] but only in special cases also for axial fatigue loading. Thus, Furuya et al. also reported dual-slope fatigue life 
behaviour in axial loading in the case of some steels but not in the case of other steels and argued that this depends 
on the size and type of the inclusions [101]. The available data do not permit to conclude whether, in range IV, an 
“ultimate” fatigue limit exists beyond Nf | 109 cycles. Thus, the question whether such an ultimate fatigue limit 
exists in the UHCF regime remains questionable. In very detailed studies on the UHCF behaviour of high-strength 
steels, Murakami and co-workers [95] analyzed carefully the details of fish-eye failures and emphasized that, at the 
origin of the cracks at inclusions, there is an “optically dark area” (ODA), in which slow crack growth assisted by 
hydrogen occurs up till the critical size of the ODA is reached, before normal crack growth takes over. In addition, 
they provided a simple relation (the “¥<area>” parameter model”) which describes the UHCF fatigue limit in terms 
of Vickers hardness and internal defect size related to the ODA. Other details of UHCF of steels are as follows: 
x Big inclusions are more dangerous than smaller ones. Thus, big extrusions lying at greater depths can be more 
life-determining than smaller ones lying closer to the surface. 
x The smaller the volume density of the inclusions, the less probable surface failures at inclusions will be. In fact, a 
critical inclusion density can be defined, below which surface failures at inclusions are very improbable [92].  
x The author has proposed that fatigue crack initiation, including very slow early crack growth, very probably 
occupies a major portion of UHCF fatigue life [92,93]. Recent support for this view comes from work by the 
groups of Bathias and Paris [102]. The problem is the definition of the transition between crack initiation and 
propagation. One possibility is to define the regime of crack initiation up to that stage beyond which crack 
propagation can be described by linear elastic fracture mechanics [93]. 
x Surface roughness reduces fatigue life. 
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4.3. Type I materials: Fatigue crack initiation below the PSB threshold,  fatigue crack initiation/life plots 
In HCF of ductile fcc Type I materials, persistent slip bands (PSBs) are the most common form of fatigue 
damage. PSBs develop only, when the loading amplitude exceeds a well-defined critical threshold amplitude [17]. 
Considering that the number of cycles in the UHCF range is much larger than in the HCF regime, the question now 
is: Can fatigue damage develop in UHCF even at amplitudes below the PSB thresholds, and if so, in which form? In 
dealing with this question, the author has proposed a model [92,93] which is based on the following considerations: 
x  During cyclic deformation, the dislocation bundle/vein matrix structure is formed at first.  
x The cyclic deformation in the matrix is not completely reversible but retains a very small irreversible component. 
x As a consequence of the very high numbers of cycles, the only slightly irreversible glide processes eventually 
lead in a statistical manner to an accumulation of slip steps at the surface which give rise to an increasing 
roughening of the surface. 
x With increasing surface roughness, local stress concentrations which develop in the valleys of the roughness can 
become so large that the PSB thresholds of the HCF range are exceeded locally, although the loading amplitudes 
lie below the PSB thresholds.  
x Thus, PSBs can develop locally at these sites of high stress concentration and can possibly lead to the initiation of 
fatigue cracks.  
This model of fatigue crack initiation below the traditional PSB thresholds under conditions of UHCF at very 
large numbers of cycles leads to a modified fatigue life diagram, shown schematically in a Coffin-Manson plot in 
Fig. 16 in which the plastic strain amplitude 'Hpl/2 ('Hpl: plastic strain range) is plotted against the number of  cycles 
to failure Nf . Since it is known that the loading amplitudes that are necessary in order to make cracks propagate are 
somewhat higher than those required for crack initiation [103], the HCF range and the UHCF ranges III/IV of the 
diagram refer, strictly speaking, not to the number of cycles to failure but only to the number of cycles to fatigue 
crack initiation. Range I in the figure corresponds to the well-known Low Cycle Fatigue (LCF) regime according to 
the Coffin-Manson law, and the plateau range II is defined by the traditional PSB threshold. The slanting slope of 
the plot in range III follows from the prediction that crack initiation is considered possible in the UHCF range even 
below the traditional PSB threshold, provided that the number of cycles is very large. Whether, in the approach to 
completely reversible dislocation glide in range IV, there exists an absolute fatigue limit, is an open question, just as 
in the case of Type II materials. An example of a fatigue life diagram showing some similarity to the proposed 
diagram is shown in Fig. 15 from the work of Höppel et al. on UFG aluminium [104]. In this case, the subtle details 
of the UFG data are probably brought out mainly because of the markedly enhanced stress level of the UFG material 
with respect to that of the CG material.  
The question whether fatigue crack initiation in UHCF can occur below the PSB threshold was studied 
experimentally as follows. Polycrystalline copper polycrystals were fatigued ultrasonically up to more than 1010 
cycles at amplitudes lying somewhat below the conventional PSB thresholds of the HCF regime [105,106,107]. 
Microscopic investigations were performed on the surface and on sections cut parallel to the specimen axis. In the 
latter case, in order to delineate the surface profile, the surface was either electrocoated with a copper layer or, in the  
                                      Fig. 16. Schematic multistage fatigue life diagram for type I materials (copper). After [91,106] 
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Fig. 17. Wöhler plot of ultrafine-grained aluminium (and CG aluminium of conventional grain size), with an indication of a second sloping off of 
the curve in the UHCF regime. Data of different authors. From Höppel et al. [104]. Courtesy of the authors.  
case of studies using the FIB (focused ion beam) technique, a thin platinum layer was deposited on the surface 
before sectioning. The observations revealed, even after fatigue at amplitudes below the PSB thresholds, slip bands 
at the surface and a roughening of the surface with extrusions and so-called stage I shear cracks, as shown in Fig. 18. 
The surface roughening is seen more clearly at higher magnification in Fig. 18b. Figure 19a shows another view of 
the surface roughening with the stage I shear cracks which were better recognizable with secondary electron 
imaging (Figure 19b). The lamellar cyclic strain localization, as observed with electron channeling contrast (ECC) 
in the SEM using a backscattered electron detector, is shown in Fig. 19a. As expected, both the lamellar shear bands 
and the stage I cracks are aligned roughly under 45° to the stress axis, i.e. along the plane of maximum resolved 
shear stress. It is important to note that the stage I shear cracks were observed not only at the surface but also at 
greater depths, as discussed in more detail in ref. [107]. Aside from details, see [107], the main model predictions 
could thus be confirmed. Assuming that the surface roughness stems from random glide processes of unknown 
irreversibility p, it can be evaluated more quantitatively by making use of Equation (2). From the ultrasonic fatigue 
tests [105,106,107,108], the values for N (1.59u1010 cycles) and Jpl,PSB (1.37u10-5) are known. In the latter case, it 
was assumed that Jpl,PSB corresponds to the PSB threshold value of the plastic shear strain amplitude at ultrasonic 
fatigue [108]. From the evaluation of the roughness profile (Figure 18b) for h = 2 μm, one obtains a value of w |
150 nm. Thus, all quantities in Equation (1) with the exception of the usually unknown glide irreversibility p are 
known. Hence, p can be determined. One then obtains the very small value p | 0.000034.  However, since N is very 
large, the cumulative irreversible shear strain Jpl,irr,cum is nonetheless found to be very large, see Table 1, namely: 
                                                  Jpl,irr,cum = 4 N up u Jpl,PSB | 34.                            (8) 
Fig. 18. FIB sections. a) Slip bands at the surface bounding FIB cut, showing surface roughening at the interface between Pt coating and fatigued 
copper and family of stage I shear cracks. b) Higher magnification of surface roughening, stage I shear cracks. After [107].   
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Fig. 19. Surface roughening, strain localization and stage I shear cracks in polycrystalline copper fatigued to 1.59u1010 cycles below the 
traditional HCF PSB threshold. a) Scanning electron micrograph, backscattered electron detector. b) Scanning electron micrograph, In-Lens 
secondary electron detector. Same area as in a).The specimen axis is horizontal. After [107]. 
It follows that, because of the very high cumulative irreversible shear strain, and in spite of the very small glide 
irreversibility p, very marked microstructural changes and fatigue damage can be expected to develop, as has indeed 
been observed experimentally. The question whether the stage I microcracks observed would lead to failure after 
fatiguing for still higher numbers of cycles remains open. Because of the limited experimental data in the regime of 
very high numbers of cycles, it is not possible to conclude reliably whether these cracks are able to propagate [107].  
4.4. Conclusions with respect to the existence of a true fatigue limit: the Design Wöhler curve  
There can be no doubt that the current research efforts in the UHCF field, as reflected in the series of Very High 
Cycle Fatigue conferences VHCF-1 to VHCF-4, held in the last decade, have brought to light many interesting 
aspects of UHCF and have furthered the fundamental understanding. Thus, it can be expected that in the near future 
UHCF problems will be well understood.   One main result is emphasized. It now seems quite certain that, for both 
Type I and II materials, albeit for different reasons, the traditional HCF fatigue limit does not extend into the UHCF 
regime. Moreover, it is questionable whether an ultimate UHCF fatigue limit exists which would lie well below the 
traditional HCF fatigue limit. Motivated by these facts, Sonsino surveyed a large body of fatigue data extending 
beyond the HCF regime. He concluded that, for design purposes, a fatigue limit does not exist and recommended for 
practical purposes the modified fatigue life diagram shown in Figure 20 [109]. Sonsino calls this fatigue life diagram 
a “Design” Wöhler curve. For realistic technological cases, the pertinent fatigue life curve has no true (fictive) 
UHCF fatigue limit but, instead, a “knee point” beyond which the curve follows a slanting course. Thus, the fatigue 
lives increase but remain finite, as the stress amplitude decreases. Based on a detailed analysis of fatigue life data of 
different materials, Sonsino recommends appropriate knee points and slopes of the curves beyond the knee point.   
                                           Fig. 20.  Sonsino’s “Design Wöhler curve” with no fatigue limit. After [109]. With permission. 
1 µm 1 µm
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5. Concluding remarks 
The primary motivation for fatigue research is to understand how fatigue damage evolves under specific 
conditions of cyclic loading and ultimately causes failures. Based thereupon, strategies to improve the fatigue 
resistance can be devised. Ultimately, progress in these areas depends on achieving a deeper understanding of the 
microstructural mechanisms of cyclic deformation. In this sense, it is hoped that the examples discussed have 
illustrated the importance of basic studies on fatigue mechanisms with the goal to achieve technological advances.  
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